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The size effects on indentation creep were studied on single-crystal Ni3Al,
polycrystalline pure Al, and fused quartz samples at room temperature. The stress
exponents were measured by monitoring the displacement during constant indentation
loads after correction for thermal drift effects. The stress exponents were found to
exhibit a very strong size effect. In the two metals Al and Ni3Al, the stress exponent
for very small indents is very small, and for Al, this even approaches unity, suggesting
that linear diffusional flow may be the controlling mechanism. The stress exponents in
these two metals rise rapidly to over 100 as the indent size gets larger, indicating a
rapid change of the dominating mechanism to climb-controlled to eventually
glide-controlled events. In fused quartz, the stress exponent also exhibits a sharply
rising trend as the indent size increases. The stress exponent is also close to unity at
the smallest indents studied, and it rises rapidly to a few tens as the indent size
gets larger.
I. INTRODUCTION
A material surface making a submicrometer-scale
plastic contact with a rigid indenter represents an inter-
esting system to investigate. The nominal pressure in this
situation is often very high and can easily reach a few
percent of the Young’s modulus of the material, so that
the ideal strength situation is approached. In crystalline
metals, the dislocation density in the contact region is
also very high, and independent studies1,2 have indicated
that the dislocation density can exceed 1016 m−2. Such
contacts are known to creep at an enormous speed at low
homologous temperatures at which the same material in
the bulk condition would normally not exhibit any
creep.3–13 As an example, the nanoindentation results by
Feng and Ngan11 indicate that in Ni3Al, an intermetallic
compound for high-temperature structural use, the in-
denter displacement rate h˙ after 10 min of load hold at
room temperature becomes steady at approximately 0.01
nm/s when the indenter displacement (h) is about 200
nm. The indentation creep rate h˙ /h is therefore of the
order 5 × 10−5s−1, which is an enormous creep rate for a
high-melting-point material at room temperature. For
high-melting materials for which room temperature is
normally too low for bulk creep to happen, the occur-
rence of plasticity is found to be a prerequisite condition
for room-temperature indentation creep.10,14 For low-
melting metals like indium, which will creep at room
temperature anyway even in the bulk condition, the stress
exponent is nevertheless found to be different before
and after the strain burst,10 indicating crystal plasticity
will alter the mechanism of indentation creep in these
materials.
The mechanism leading to such high values of creep
rate in submicrometer indents is so far unknown. Li
et al.15 have proposed a number of models for indenta-
tion creep in the macroscopic situation, but understand-
ing of the nanoindentation creep is very limited. In par-
ticular, it is not known how the behavior and mechanism
of the creep change as the indent size gets smaller toward
the incipient plasticity situation. Apart from being an
interesting problem to investigate, the creep of submi-
crometer contacts also has important practical implica-
tions. In miniaturized mechanical systems, for example,
submicrometer contacts are inevitable and their exces-
sive creep may lead to increased friction due to enlarge-
ment of the contact area, which is not anticipated in the
design stage. In the technique of measuring elastic modu-
lus and hardness by nanoindentation,16 it has become
well known that indentation creep effects can lead to
significant errors in the measurement.11–13
The purpose of the current work is to investigate the
characteristics of submicrometer indentation creep.
While the submicrometer-scale hardness of crystalline
materials is well known to exhibit an indentation size
effect,17–20 the possible appearance of a size effect of
indentation creep has never been systematically investi-
gated before, although Elmustafa and Stone have re-
ported a load dependence of the strain-rate sensitivity of
hardness in Al and brass.20 In this work, the size effect on
the indentation creep in a range of materials at different
constant-load conditions is investigated. The materials
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chosen include a single crystal of Ni3Al, a polycrystalline
Al specimen, and a fused quartz sample. These represent
different structures and melting points.
II. EXPERIMENTAL
A. Specimen preparation
The Ni3Al single crystal was grown by the Bridgeman
method. The composition of this material is Ni-75, Al-
16.7, Cr-8, and B-0.3 (in at.%). The crystal was homog-
enized at 1250 °C for 120 h in a vacuum better than 10−6
torr followed by furnace cooling. A specimen button with
(111) direction was cut and electropolished in a solution
containing 10% perchloric acid in ethanol to remove any
mechanical deformation layer.
The polycrystalline Al sample (>99.99% pure) was
first mechanically polished to 1 m followed by etching
in NaOH solution and electropolishing in an electrolyte
containing 10% perchloric acid in alcohol. Such a proc-
ess produced a mirror surface with grain size of about
800 m. Indentations on the Al sample were performed
within the same grain so that the effects of crystallographic
orientation are the same for all the indentation results re-
ported below. The fused quartz is a standard calibration
sample supplied by the manufacturer of our Hysitron Tri-
boScope nanoindenter (Hysitron, Minneapolis, MN).
B. Indentation
Indentation experiments with maximum loads lower
than 8 mN were carried out at ambient temperature using
both a Hysitron TriboScope and a CSM nanoindentation
testing system (CSM Instruments SA, Peseux, Switzer-
land). For maximum loads higher than the limit of 8 mN
of the Hysitron machine, only the CSM machine was
used. The Hysitron transducer is mounted on a Thermo-
Microscopes Scanning Probe Microscope (ThermoMi-
croscopes, Sunnyvale, CA). The system can be used as
an atomic force microscope using the indentation tip, so
that nanoindentation and atomic force microscopy
(AFM) imaging can be performed on the same platform.
The CSM machine is used due to its larger force and
displacement ranges when compared with the Hysitron
system. The CSM indenter is also equipped with an
atomic force microscope objective for imaging the in-
dent. Although two different indentation machines were
used in the current study, the two machines are found to
give very consistent results. Repeated testing has shown
that the displacement responses from both instruments at
the same load are very similar.
All the indentation experiments were performed with
Berkovich indenters. Before starting the indentation test,
efforts were made to minimize the effects of thermal drift
by allowing several hours for thermal equilibrium to be
reached. When an indenter is pressed into the surface of
a material, it penetrates into the material first because of
yielding and then by creeping. Unless stated otherwise,
the loading sequences used are similar to the one shown
in Fig. 1. The indenter was first loaded and unloaded a
few times at constant rates to produce time-independent
plastic deformation. The load was then held constant for
a period of 100 s typically at 10% of the peak to measure
the thermal drift rate. For the case that the peak load is
over 8 mN, this percentage was lower still to avoid creep
during the low-load hold. Following the low-load hold-
ing period, the specimen was loaded once again to the
peak load followed by another holding period of 100 s at
the peak load to monitor the creep response. Finally,
another low-load hold follows to determine whether the
thermal drift rate has changed significantly during the
course of the experiment; data where the drift rate has
changed significantly were discarded. The loading and
unloading time was 3 s in all the experiments to ensure
the same number of data points acquired. Before testing,
both the tip shape and the machine compliance were
calibrated using a standard sample of fused quartz. In-
dentation at each load value was repeated five or more
times. Each indent was imaged before indentation after-
wards using AFM to ensure similar surface conditions
for all the indentations.
In the current work, one major concern is the stability
of the indentation equipment, and care has been exer-
cised as mentioned above to minimize and to handle the
thermal drift. One critical test to show the equipment
stability is to make sure that no creep is recorded in a
situation where no creep is supposed to take place. It is
well known10,14 that in well-annealed, higher-melting
metals, no creep will take place at a load smaller than that
required to trigger indentation plasticity, and hence this
condition can be used to check equipment stability.
Figure 2 in fact shows that no creep is recorded in our
equipment in such conditions in our Ni3Al sample, and
hence the required system stability can be ascertained.
More about this will be discussed in Sec. III. A.
FIG. 1. Constant-load scheme.
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C. Data treatment
In uniaxial tests, it is well known that the steady-state
creep behavior of a wide range of materials can be de-
scribed by the relation,21
˙ = An , (1)
where . is the strain rate,  the applied stress, and n the
stress exponent. The pre-factor A contains the tempera-
ture dependence through the Boltzmann factor. The
stress exponent n, which is given by the slope of the
log–log plot of . versus  under isothermal conditions,
can provide useful information on the mechanism of the
time-dependent plastic deformation concerned.
In depth-sensing indentation with a self-similar in-
denter, the strain-rate . and the stress  (or hardness)
obey the following scaling relations
˙ ∼ h˙ h,  ∼ Ph2 . (2)
Here P is the indentation load, h is the instantaneous
indenter displacement, and h˙ dh/dt, where t is time.
The scaling relations in Eq. (2) are direct consequences
of an exact geometrical similitude analysis of power-law
indentation creep by Bower et al.22 These authors
showed that, in a power-law creeping solid upon inden-
tation by an axisymmetric punch, the stress and strain-
rate fields scale with the quantities P/a2 and h˙a, respec-
tively, where a is the radius of the contact zone, and in
the special case of indentation by a conical punch, the
ratio h/a depends only on the stress exponent n [Eqs.
(1.8), (1.9), and (1.13) of Ref. 22]. The constant-load
experiments in this work here can be supposed to be a
purely creeping rather than a viscoelastic situation, and
so the results of Bower et al. should apply. Even when
elasticity is present alongside viscosity, an exact linear
viscoelastic treatment (i.e., n  1) in fact shows that
P/h2  h˙ /h during constant load,11,23,24 and hence Eq. (2)
also applies. Several methods have indeed been used in
the literature for the analysis of indentation creep data
using Eq. (2). These include (i) the depth-sensing, con-
stant-load (h-CL) method;5–8 (ii) the continuous-
stiffness, constant-load (S-CL) method;25 and (iii) the
exponential load (EL) method.9 The two constant-load
methods use data from a load hold at the maximum load.
The h-CL method makes use of the depth data (hence
“h”) during the load hold, whereas the S-CL method
makes use of the contact stiffness data (hence “S”) during
the load hold, and the purely elastic result is that S is
proportional to h for a conical indenter.26 In the EL
method due to Lucas and Oliver,9 the load is increased
exponentially with time, or P˙ /P is kept constant ( k,
say). These authors argued that if this loading condition
is used and if steady state is reached, the measured hard-
ness should reach a constant, and this constant may be
taken as the mean stress. The imposed constant ramp rate
k can be viewed as the strain rate because it has the
correct dimension.
In our experiments here, the h-CL method is used to
calculate the stress exponent. Because our aim is to study
the effect of load on the stress exponent, the EL method
is unsuitable as the load involved is continuously increas-
ing. On our machines, the h-CL method is simpler to
implement than the S-CL method, and for the small creep
displacements involved during constant load, the contact
FIG. 2. An experiment to illustrate the absence of creep before pop-in
in the same Ni3Al sample used in the current work (data extracted from
Ref. 28). (a) Load schedules at two different peak loads below and
above the pop-in load. (b) Load–displacement curves for the two load
schedules. (c) Displacement versus time curves for the two load sched-
ules. During load hold below the pop-in load, the deformation is purely
elastic and there is no creep. Creep occurs during load hold above the
pop-in load.
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stiffness changes are not easily deconvoluted from the
noise background. In the h-CL method, the displacement
is monitored as a function of time during the load hold.
Because the contact area will increase during the holding
period if creep occurs, the hardness will consequently
decrease with a corresponding decrease in the indenta-
tion strain rate. Tabulation of a series of pairs of the
strain rate and stress thus enables the calculation of the
stress exponent.
To calculate the displacement rate h˙ , the indenter dis-
placement versus time curve at constant indentation load
was fitted by the following empirical law:
ht = hi + t − tim + kt , (3)
where hi, , ti, m, and k are fitting constants. The fitting
protocol in Eq. (3) is found to produce very good fits to
most of our results, as can be seen from the examples
shown in Figs. 6–11.
For the scaling of the strain rate and stress according to
Eq. (2) to be correct, the indenter tip has to be self-
similar. On the other hand, the tip head in practice must
be rounded with a radius of curvature R. Figure 3 shows
the AFM scan of the profile of the Berkovich indenter
used in our Hysitron system, from which the tip is clearly
seen to be rounded. The radius of curvature R of this tip
had been determined in a previous exercise2 by fitting the
load–displacement curve before plasticity on a known
sample to a curve predicted by the Hertzian elasticity
theory, and R was found this way to be approximately
500 nm. In Fig. 3 is also shown a circle with radius 500
nm that can be seen to fit accurately to the AFM profile
of the indenter near the tip position, and thus the esti-
mated value of the tip radius is confirmed. In an indent
made by the indenter, the maximum contact depth below
which the indent shape is spherical instead of pyramidal
can be estimated by the equation R(1 − sin 70.3° 
0.06R, which gives approximately 30 nm for an R value
of 500 nm. This equation is based on the assumption that
the sloping, flat surfaces of the pyramidal indenter make
tangential contact with the sphere fitted to the rounded
indenter tip, and 70.3° here is the semi-angle of a Berk-
ovich indenter. Such an estimate for the maximum depth
for spherical contact can be seen to agree well with the
AFM profile of the tip in Fig. 3—the AFM profile indeed
shows that for depths larger than approximately 30 nm,
the indent geometry should follow the sloping sides of
the indenter rather than the rounded shape of the tip. The
maximum indent depth for spherical contact in our CSM
indenter was likewise determined to be about 20 nm.13
The smallest indents in Al (i.e., those immediately after
pop-in) have plastic depths larger than 100 nm and so all
the Al indents are pyramidal and may be regarded as
self-similar. In Ni3Al and fused quartz, indents shallower
than the minimum depth for self-similarity can be gen-
erated by very small loads, but when these were encoun-
tered, they were excluded in the analysis.
III. RESULTS
A. Elastic deformation, pop-in, and creep
In the metals Ni3Al and Al, pop-in occurs at a critical
load during a load ramp. If the peak load is below the
critical pop-in load, the deformation is purely elastic,
except for very long holding times at loads slightly lower
than the pop-in load where a delayed type of pop-in may
occur.27 Holding the load before the occurrence of pop-in
does not result in creep. However, holding a load above
the pop-in value will produce creep. Figure 2 shows evi-
dence for this in Ni3Al,28 and similar evidence in Al has
already been published elsewhere.10
In the amorphous fused quartz, a distinctive pop-in is
not observed on increasing load, but when the load is
small, the deformation is also elastic whereas for large
loads, there is a residual deformation upon load removal.
Holding a small load also does not produce creep, but
holding a large load above the plasticity threshold will
produce creep. This is illustrated in Fig. 4.
B. Size effects of indentation creep
Figures 5(a)–5(c) shows the creep curves of the three
materials during different holding loads. At each load,
more than five independent indentations were performed,
and the data were averaged to minimize the influence of
noises after discarding results differing significantly
from the others. To facilitate comparison, the starting
points for different peak loads are aligned. It is evident
that the creep displacement is larger at higher peak loads.
It is also found that the displacement increases at a de-
clining rate with time and finally reaches an almost con-
stant displacement rate, resulting in a decreasing strain rate
against time and displacement. It can also be seen by com-
paring Figs. 5(a)–5(c) that at comparable loads, the inden-
tation creep is fastest in Al and slowest in fused quartz.
Figure 6(a) shows the experimental displacement–time
curve in Ni3Al(111) during load hold at 1 mN together
FIG. 3. AFM scan of the profile of the Berkovich indenter used in this
work in the Hysitron indenter. The left sloping line of the height
profile is the scan along one edge of the three-sided pyramid of the
Berkovich inderter, and the right sloping line is along the median line
bisecting the opposite flat plane in the pyramid. The dotted circle fitted
to the tip of the indenter has a radius of 500 nm.
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with the fitted curve using Eq. (3). It can be seen that the
quality of fit is very good (correlation coefficient R2 >
0.97). Figure 6(b) shows the corresponding log(strain
rate) versus log(stress) plot using the definitions of strain
rate and stress according to Eq. (2). It can be seen that the
slope of the curve is almost constant with a value of
about 3.4. The load of 1 mN here is slightly above the
load range where pop-in occurs in Ni3Al, which is about
0.4 mN (Fig. 2), and smaller indents were not analyzed as
in Fig. 6 because these are too shallow to satisfy the
self-similarity condition. Figure 7 shows the stress expo-
nent analysis in Ni3Al at a larger peak load of 8.5 mN
from which it can be seen that the stress exponent at the
start of the load hold is very large at 39, but it decreases
toward a steady-state value of about 7. Comparison of the
results in Figs. 6 and 7 indicate that the stress exponent
in Ni3Al exhibits a very strong dependence on the indent
size. The size effect is even more remarkable in Al.
Figures 8 and 9 show the stress exponent analysis in Al
at peak load values of 1 mN and 4 mN, respectively. It
can be seen that the steady-state stress exponent is about
1 at 1 mN, but it increases rapidly to beyond 10 at 4 mN.
FIG. 4. (a) Two loading schedules to investigate onset of creep plas-
ticity in fused quartz. (b) Indenter displacement versus time plots.
Under load scheme 2 in which the holding loads are small, the defor-
mation is elastic throughout. Under load scheme 1, creep occurs during
the second holding stage in which the load is larger.
FIG. 5. Creep displacement during load hold in the three materials:
(a) Ni3Al from 1 mN to 134 mN, (b) Al from 1 mN to 127 mN, and
(c) fused quartz from 2 mN to 134 mN. The starting points were
aligned to facilitate comparison.
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The stress exponent in the amorphous fused quartz is
also found to exhibit a strong size effect. Figures 10 and
11 show the stress exponent analysis in the fused quartz
sample at loads 0.6 mN and 34.3 mN. The steady-state
stress exponent also rises rapidly from approximately 1
to approximately 39 between these two loads. Figure 12
shows the full set of the steady-state stress exponent data
of the three materials plotted as a function of the peak
load. The indenter displacement at the start of the load
hold is also listed in Fig. 12. It can be seen again that the
stress exponent in all the three materials exhibits a strong
dependence on indent size. Figure 13 shows the variation
between the hardness calculated using the Oliver–Pharr
method with the peak load. It can be seen that the hard-
ness in general exhibits a falling trend as the indentation
load increases, but such variations are not large.
IV. DISCUSSION
In the two metals of Ni3Al and Al, the previous10,28
and current results indicate that plasticity is a prerequisite
for indentation creep during load hold. In other words,
the indentation creep in metals are plasticity-induced,
and is therefore different from the type of indentation
creep in low-melting metals such as indium in which
creep can occur even before pop-in.10 Diffusion along
the interface between the indenter and the specimen sur-
face was once thought to be a possible mechanism lead-
ing to indentation creep,29 but such a mechanism does not
depend on preceding plasticity and is clearly not respon-
sible for the current type of plasticity-induced creep here.
A satisfactory explanation of the plasticity-induced
type of indentation creep should obviously relate to the
defect debris generated during the plastic deformation. In
Ni3Al, the stress exponent within the range of 3 to 5 in
small indents as shown in Fig. 12 is the expected value
for the mechanism of dislocation climb via bulk and
pipeline diffusion.15,21,30 In Al, the observation that the
stress exponent is close to unity in the smallest indents
suggests that the mechanism is likely to be diffusional
FIG. 6. (a) Experimental and fitted creep curves in Ni3Al(111) at
1 mN. (b) The corresponding log(strain rate)–log(stress) plot (CSM
equipment). FIG. 7. (a) Experimental and fitted creep curves in Ni3Al(111) at load8.5 mN. (b) The corresponding log(strain rate)–log(stress) plot (CSM
equipment).
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flow. This is very unusual because diffusional flow nor-
mally occurs at homologous temperatures above 0.5, but
room temperature is only about 0.32 of the melting point
of Al. The densely dislocated structure under the indenter
may cause diffusional flow to occur more easily in Al, as
the dense dislocation channels may act as efficient short-
circuiting diffusion paths for the transport of atoms from
the highly stressed indent core to the stress-free specimen
surface nearby. This can be understood by a simple dif-
fusional flow model in which the dense dislocation pipe-
lines in the indent core transport atoms from the indent
core to low-stress locations such as the nearby free sur-
face just outside the contact zone. Assuming the contact
zone radius a to be a typical diffusion length, the represen-
tative concentration gradient for the diffusion process is
dc
dx ∼
co
akT , (4)
where co is the equilibrium vacancy concentration in the
stress-free state,  is the mean stress in the indent core,
 is the atomic volume, k is the Boltzmann constant, and
T is the temperature. From Fick’s first law, the diffusion
flux is therefore
J =
D
akT , (5)
where D is the self-diffusion coefficient along pipelines. As-
suming the diffusion area to scale with a2, say, 	a2 where
	 is a geometric factor ( 2 if diffusion is radial outward from
the indent center), the volume transport rate is
V˙ = 	a2J =
	aD
kT . (6)
Because V
.
/V 3a. /a, and the volume V of the indent
core is 2a3/3, the indentation strain rate is
˙ =
a˙
a
= 	2DkTa2 . (7)
The model here therefore predicts a linear relation be-
tween strain rate and stress. Because the pre-factor is
inversely proportional to the square of the indent size, the
mechanism can be expected to be efficient only when the
indent size is very small (i.e., when the diffusion length
FIG. 8. (a) Experimental and fitted creep curves in Al at 1 mN.
(b) The corresponding log(strain rate)–log(stress) plot (Hysitron
equipment).
FIG. 9. (a) Experimental and fitted creep curves in Al at load 4 mN.
(b) The corresponding log(strain rate)–log(stress) plot (Hysitron
equipment).
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is short). In Al, diffusivity data at room temperature are
not available but can nevertheless be estimated if the
activation energy is known. The activation energy for
pipeline diffusion in Al has been measured to be about
0.85 eV.31 Assuming a preexponential factor of
0.02 cm2/s and that the lattice is saturated with disloca-
tions, the D estimated for Al is approximately
3 × 10−21m2/s at room temperature. For the smallest in-
dents in Al, the diffusion length can be assumed to be
approsimately 100 nm, and the hardness about1 GPa.
The strain rate estimated from Eq. (7) is of the order
2 × 10−6. The experimentally observed strain rate of the
smallest indents in Al is two orders of magnitude higher
at about 2 × 10−4 s−1 [Fig. 8(b)]. However, it must be
remembered that, in view of the scarcity of the available
data, the activation energy assumed here is quite uncer-
tain. If, for example, a value of 0.75 eV instead of the
0.85 eV is assumed, the estimated strain rate would have
been approximately 1 × 10−4 s−1, which is the magnitude
observed. It can therefore be concluded that the model in
Eq. (7) is a reasonable model to explain the observed
linear creep in the smallest indents in Al. A more defini-
tive check would have been to investigate the depend-
ence of the pre-factor on the indent size, to see whether
it obeys the inverse-square relationship as in Eq. (7).
However, as the indent size increases, the observed stress
exponent increases as noted above, and so the creep
mechanism cannot be maintained constant.
Under larger loads, the stress exponent of Ni3Al and
Al increases rapidly beyond 100, as Fig. 12 shows. This
suggests a rapid change of mechanism from linear diffu-
sional flow to a power-law mechanism, such as climb, to
eventually a rate-insensitive plastic flow behavior as the
indent size gets larger. It should be noted that although
superdislocation locks (the Kear–Wilsdorf locks) play an
important role in the crystal plasticity of Ni3Al, the flow
stress in the bulk condition is controlled by an athermal
unlocking process so that the strain-rate sensitivity, the
reciprocal of the stress exponent, is nearly zero.32 The
matching to macroscopic flow behavior for large indents
is not surprising, as one would expect micro- or macro-
indentation to creep-like bulk deformation.15
FIG. 10. (a) Experimental and fitted creep curves in fused quartz at
0.6 mN. (b) The corresponding log(strain rate)–log(stress) plot (Hysi-
tron equipment).
FIG. 11. (a) Experimental and fitted creep curves in fused quartz at
load 34.3 mN. (b) The corresponding log(strain rate)–log(stress) plot
(CSM equipment).
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The results in Fig. 12 also indicate that in fused quartz,
the stress exponent also exhibits a strong dependence on
indent size. In the bulk deformation of glasses, however,
it is well known that the stress exponent, defined as
n 

. /
, is a strong function of stress even at constant
temperature.33 The room-temperature nanoindentation
situation here should correspond to the low-temperature,
high-stress regime of the deformation of bulk glasses in
which the deformation mode is thought to be due to the
intense shearing of localized disk-shaped volumes.33 The
analysis by Argon33 in fact predicts that at low tempera-
tures, the stress exponent is given by
n = fo)
of
kT , (8)
where f is the shear volume,  is the applied shear
stress, and o is the ideal shear strength. The function f is
symmetrical about /o 0.5 and decreases toward zero
as /o increases or decreases from 0.5. For large stresses
( > 0.5o), the stress exponent should therefore increase
as the stress decreases. However, the current results in
Fig. 13 indicate that the hardness of fused quartz does not
exhibit a significant size effect, and so the varying stress
exponent cannot be explained by a changing stress as the
indent size increases. If Eq. (8) is valid for the nanoin-
dentation situation, then the only conclusion is that the
shear volume f decreases as the indent size decreases.
As the indent size increases, the shear volume should
increase, but not indefinitely; in fact, it should saturate to
the bulk deformation value as the indent size enters the
microdeformation regime. The fused quartz results in
Fig. 12 in fact indicate that as the indent depth exceeds
approximately 300 nm, the stress exponent saturates to a
Nominal Pmax
(mN) 1 2 4 8 16 32 64 128
Initial indent Ni3Al 76.0 119.0 172.9 263.4 400.6 591.4 883.8 1298.3
depth (nm) Al 308.3 452.3 647.4 948.1 1476.7 2124.3 3137 4470.7
Fused quartz 65.7 105.2 164.3 262.2 384.1 556.0 807.7 1130.0
FIG. 12. Stress exponent versus holding load in three materials.
FIG. 13. Variation of hardness with peak load for the three materials.
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value between 60 and 80. The observed variation of the
stress exponent from approximately 1 to about 80 in
Fig. 12, according to Eq. (8), should in fact reflect a
variation of f by approximately 80 times, as the indent
increases from a few tens of nanometers to over 1 m in
depth. Physically, the shear volume f may correspond
to atomic-sized shear transformation zones33 for the
smallest indents to submicrometer-sized shear cracks for
the micrometer-sized indents. It should be noted that
Eq. (8) was derived by approximating the shearing of the
volume f by the generation of a dislocation loop of the
same size,33 and hence should be applicable to both the
situation of an atomic-sized shear zone and a submi-
crometer crack. The current explanation involving the
transition of the critical shear volume from an atomic size
cluster to a submicrometer crack is nevertheless quite
conjectural, and more investigations, both experimental
and theoretical, should be performed to gain deeper un-
derstanding into the problem.
V. CONCLUSIONS
(1) The stress exponents of the constant-load inden-
tation creep in three materials, namely, Ni3Al, Al, and
fused quartz, are found to be small at small loads. In Al
and fused quartz, the stress exponents measured for the
smallest indents approach unity. The stress exponents in
all the three materials increase very rapidly as the indent
size increases, exhibiting an intense size effect.
(2) The size effect of the stress exponent in the two
metals Ni3Al and Al signifies that the mechanism for the
indentation creep changes as the indent size increases.
The mechanism may transit through linear diffusional
flow (for Al at least) to climb-controlled to eventually
glide-controlled processes as the indent size increases
toward the microdeformation regime. For the amorphous
fused quartz, the size effect on the stress exponent can be
explained by a reduction of the localized shear volume as
the indent size decreases.
(3) The creep of submicrometer-sized indents in dif-
ferent materials and experimental conditions remains a
largely unknown area to explore. The state of the matter
under the indenter is probably unique in terms of the
large magnitude of the compressive stress, the proximity
to free surfaces, and the high density of dislocation debris
in crystalline specimens. Deviations from bulk behavior
are certainly expected, and more experimentation and
theoretical modeling are required to gain a deeper under-
standing of this important phenomenon in both crystal-
line and amorphous materials.
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